1. Introduction {#sec1}
===============

Polyamides are engineering thermoplastics which are useful for their high barrier properties. They are widely used in textile and automotive industries, where they compete with metals in a context of weight\'s reduction \[[@bib1], [@bib2], [@bib3]\]. Polyamides are generally aliphatic and semi-crystalline. This is the case of PA 6, PA 66 or PA 6,10. Recently, polymers with different structures have been formulated to meet more technical applications. this is the case for example of semi-aromatic or fully-aromatic polyamides (MXDA, PA 6T/X, PA 10T/X, PA 10T \[[@bib4]\]), and also amorphous polyamides \[[@bib1]\], especially in order to improve the mechanical and thermal properties \[[@bib5]\]. Polyphthalamides (PPA) are part of polyamide group. The main difference is the presence of aromatic rings in PPA\'s backbones, allowing them to have high mechanical and thermal resistance. PPA are synthesized by a reaction between aromatic acids (terephthalic acid or isophthalic acid) and aliphatic diamines (such as HMDA). If the PPA is mainly based on PA6T, the resulting PPA will be semi-crystalline \[[@bib1]\]. PA6T is obtained by the reaction of terephthalic acid and HMDA. On the contrary, when the PPA is mainly based on PA6I (i.e. more than 55% of isophthalic acid), the resulting polymer will be amorphous \[[@bib6]\]. This new class of polyamides has better properties compared to aliphatic polyamides (PA6 or PA66 \[[@bib7]\] as an example), whether thermal (higher melting points and glass transition temperatures, better thermal stability), or chemical (better chemical resistance and lower water absorption). Few studies have been done for characterizing the properties of neat-PPA, such as thermal \[[@bib8]\] or mechanical properties \[[@bib9]\], but some studies exist on blends-based PPA or glass fiber reinforced PPA \[[@bib10]\]. There is a need of more detailed data concerning mechanical properties. The study of the properties of this class of polymers is important, especially since their applications are different from aliphatic polyamides. PPA are used in several industries such as electronic devices, packaging or automotive industries. They can be used in composites for high temperature applications. PPA used in composites are mostly semi-crystalline because they maintain their properties at T~g~, which is not the case of amorphous PPA. In this study, we will focus on the characterization of semi-crystalline and amorphous PPA. The ultimate mechanical properties and durability of polyphthalamides expected in applications such as automotive industry depend on the properties of strain hardening and impact strength \[[@bib11]\]. Indeed, when dealing with ultimate mechanical properties the brittle-ductile transition T~bd~ is an essential notion to characterize, as well as the strain hardening regime. The strain hardening is generally interpreted as a result of a stress contribution of the orienting molecular network \[[@bib11], [@bib12], [@bib13], [@bib14], [@bib15]\]. The objective of this paper is to study the ultimate mechanical properties of amorphous and semi-crystalline PA 6I/6T, through the study of the strain hardening and the brittle-to-ductile transition temperature. We consider three PPA, PA 6I/6T, with different proportions of PA6I or 6T, which gives the amorphous or semi-crystalline character of the polymer. The viscoelastic properties in the linear regime will be studied by Dynamical Mechanical Thermal Analysis (DMTA). The yield stress σ~y~ and Young\'s modulus E measured by tensile tests, as well as the brittle-ductile transition temperature T~bd~ measured by both tensile and Charpy impact tests are determined for the considered PPA samples. The strain hardening in compression is studied.

2. Experimental methods {#sec2}
=======================

2.1. Materials {#sec2.1}
--------------

Three semi-aromatic polyamides were considered. [Figure 1](#fig1){ref-type="fig"} shows the structure of the copolymer PA6I/6T. Polymers are formed by copolymerization of the PA6T and PA6I in different proportions. Monomers are obtained by the condensation reaction of hexamethylenediamine (HMDA) with a diacid: isophthalic (terephthalic) acid for the PA6I (PA6T) monomer. The resulting PPA can be amorphous or semi-crystalline depending on the combination of the monomers \[[@bib1]\]. Semi-crystalline PPA are mainly based on PA6T, while the resulting copolymer is amorphous if there is more PA6I \[[@bib6]\]. Each PPA corresponds to a different fraction in PA6I or PA6T, indicated in [Table 1](#tbl1){ref-type="table"}.Figure 1Structure of the copolymer PA6I/6T.Figure 1Table 1List of studied semi-aromatic polyamides and corresponding molecular weight distribution (number-average M~n~ and weight-average Mw, polydispersity index (I~p~ = M~w~/M~n~) determined by Size Exclusion Chromatography (SEC) in PMMA equivalents), glass transition T~g~ and melting temperatures Tm determined by Differential Scanning Calorimetry (DSC), crystallinity ratio determined by Wide Angle X-Ray Scattering (WAXS). All the samples were dried as molded (d.a.m.).Table 1M~n~ (g mol^−1^) (±5%)M~w~ (g mol^−1^) (±2.5%)I~p~ = M~w~/M~n~Crystallinity (%) (d.a.m.)T~g~ (°C)T~m~ (°C)Polyamide APA6I/6T 70/309356279633.00129.2/Polyamide BPA6I/6T 50/5010424329173.24.3129.3265Polyamide CPA6I/6T 30/706450327795.116.4132.4319

The number-average and weight-average molecular weight M~n~ and M~w~ were determined by Size Exclusion Chromatography (SEC). M~n~ is around 10000 g mol^−1^ for Polyamide A and B and around 6000 g mol^−1^ for Polyamide C whereas PPA whereas M~w~ is around 30000 g mol^−1^ for Polyamide A, B and C. M~n~ and M~w~ were used to calculate the polydispersity index I~p~ (see [Table 1](#tbl1){ref-type="table"}). As explained by Martins et al \[[@bib16]\], secondary reactions may occur during polymer synthesis. These secondary reactions lead to branched chains in small proportions and, possibly, may explain why the polydispersity index varies from 3.0 to 5.1 \[[@bib16]\]. As observed in [Table 1](#tbl1){ref-type="table"}, the values of polydispersity are larger than 2, which is the value expected by Flory\'s theory for linear polycondensation \[[@bib16],[@bib17]\].

The glass transition temperature T~g~ was determined by Differential Scanning Calorimetry (DSC). T~g~ is similar and about 130 °C. Like all semi-aromatic PPA with more than 55% of PA6I \[[@bib6]\], Polyamide A is amorphous. Polyamide B and C are both semi-crystalline, with a crystallinity ratio of 4.3% and 16.4%, respectively. Crystalline fractions were calculated using the following formula ([Equation 1](#fd1){ref-type="disp-formula"}):$$\chi_{c} = \frac{\Delta H_{f}^{measured}}{\Delta H_{f}^{100\%}}$$where $\Delta H_{f}^{100\%}$ is the enthalpy of melting of a 100% crystalline polymer.

It can be found in literature for PA6,6 (188 J g^−1^ \[[@bib18]\]) and PA6,10 (207 J g^−1^ \[[@bib18]\]), but not for the crystalline PA6T part of Polyamide C. As a consequence, an average value of 200 ± 20 J g^−1^ is commonly used \[[@bib19]\]. To provide a better estimation of the crystalline fraction, $\Delta H_{f}^{100\%}$ value for the PA6T was determined by WAXS (Wide-Angle X-ray Scattering) experiments. The peaks obtained in WAXS were deconvolved and the amorphous halo was subtracted from the crystalline peaks. The crystalline fraction χ~RX~ was calculated using [Eq. (2)](#fd2){ref-type="disp-formula"}:$$\chi_{RX} = \frac{A_{C}}{A_{C} + A_{A}} \times 100$$with A~C~ and A~A~ the areas of crystalline and amorphous parts, respectively.

Then the enthalpy of melting of a 100% crystalline PA6T is calculated as follow ([Equation 3](#fd3){ref-type="disp-formula"}):$$\Delta H_{f}^{100\%} = \frac{\Delta H_{DSC}}{\chi_{RX}}$$

For a 100% crystalline PA6T, the enthalpy of melting is 196 J g^−1^. An Oxford Xcalibur Mova diffractometer was used in transmission mode in order to record WAXS data. Measurements were performed at the Henri Longchambon Diffraction Center of University of Lyon.

2.2. Injection molding {#sec2.2}
----------------------

Polymers were injection-molded into tensile and impact strength specimens with a Billion select 100T injection press. Prior to molding, water content has been controlled by Karl Fischer in order to avoid hydrolysis or post-condensation reaction. Higher water content leads to hydrolysis and the molecular weight decreases. If the moisture content is lower than that of the chemical equilibrium, a post-condensation reaction with water formation and an increase of the molecular weight of the resulting polyamide may occur. Pellets were dried 24 h at 110 °C under vacuum before processing. Mold temperature was kept at 30 °C. After molding, the samples were stored in sealed bags to maintain them dry. Tensile and impact strength specimens dimensions were $150 \times 10 \times 4\ mm^{3}$ and $80 \times 10 \times 4\ mm^{3}$ respectively (ISO-527 and ISO-157 norms) (see [Figure 2-1](#fig2){ref-type="fig"} for tensile geometry and [Figure 2-2](#fig2){ref-type="fig"} for impact strength geometry). In [Table 2](#tbl2){ref-type="table"}, we gather the processing conditions of our samples.Figure 2Tensile geometry of the specimens (1) and impact strength geometry of the specimens (2).Figure 2Table 2Injection conditions for ISO-527 (Tensile) and ISO-157 (Choc) geometries.Table 2Temperatures (°C)Molding cycle time (s)ScrewChoc specimensTensile specimensChoc specimensTensile specimensPolyamide A28028036.4345.26Polyamide B29029041.3247.24Polyamide C33033033.3633.18

The injection process has an influence on mechanical properties of polymers, in particular on the skin-core effect due to flow during injection \[[@bib20]\]. This effect is present in the industrial process, due to a temperature gradient between the mold and the polymer melt (at higher temperature) during the injection process. A skin-core effect was observed for Polyamide C by cross-polarized optical microscopy. Indeed, a birefringent character was observed between the skin and the core of the polymer. Samples of Polyamide C were injection-molded with different mold temperatures (30, 60, 80 and 100 °C). The storage modulus E′ determined by DMTA shows no difference regardless of the mold temperature (E\' = 3.1 GPa at 25 °C for the four mold temperatures). The temperature of the mold during the injection has no impact on the modulus E\'. The degree of crystallinity remains low and is homogeneous over the thickness for the two semi-crystalline PPA (Polyamide B and Polyamide C), and was verified by DSC experiments. The skin-core effect observed for Polyamide C only is related to shearing during the injection process and not to a difference in crystallinity within the material. The choice of setting the mold temperature at 30 °C corresponds to an internal injection process and has no impact on our results.

2.3. Characterization methods {#sec2.3}
-----------------------------

### 2.3.1. Differential scanning calorimetry (DSC) {#sec2.3.1}

The characteristic temperatures (glass transition, melting and crystallization temperatures) of the studied polymers were characterized by differential scanning calorimetry (DSC). A TA Instruments Q2000 calorimeter was used in the standard mode. For each measurement, non-hermetic aluminum pans were filled with 5--10 mg of polymer sample. Thermal measurements were performed at a heating/cooling rate of 10 °C min^−1^, under a nitrogen gas flow (50 mL min^−1^). Samples were first annealed from 40 to 350 °C, then cooled down to 40 °C and finally heated again to 350 °C. Glass transition and melting temperatures were measured from the second heating cycle. The glass transition temperature was determined at the onset. Crystalline ratios of the sample were calculated as discussed above.

### 2.3.2. Dynamic Mechanical Thermal Analysis (DMTA) {#sec2.3.2}

Dynamic Mechanical Thermal Analysis (DMTA) allows studying the viscoelastic properties of a material by measuring its dynamical modulus at a given frequency as a function of temperature \[[@bib21]\]. Experiments were carried out in the field of linear behavior, with a deformation between 5 × 10^−3^ % and 0.01%. A TA Instruments RSA-G2 device, equipped with a three-point bending geometry was used. The samples were injected in the form of bars (Charpy impact specimens) then cut with a saw. Polymer samples dimensions were $40 \times 10 \times 4\ mm^{3}$. Measurements were performed at fixed frequencies of 0.1 Hz, 1 Hz, 10 Hz, 50 Hz and 75 Hz with a temperature sweep of -150 °C--150 °C, at a rate of 2 °C min^−1^. The laboratory was at a controlled temperature (23 °C) and hygrometry (RH 50). The studied PPA were dried as molded (d.a.m.), the temperature equilibration time was too small to induce significant water intake. Each DMTA measurement was carried out twice for each frequency. The temperature corresponding to each relaxation was determined as the maximum of the relaxation peak observed in the loss modulus E″ plot, as described in the standard ASTM D5023.

### 2.3.3. Impact strength {#sec2.3.3}

In order to obtain the resilience of the studied polymers as well as to characterize their brittle-to-ductile transition temperature, T~bd~ at high speed (impact conditions), Charpy impact measurements were performed. The setup consists in a CEAST 9050 Instron classic Charpy pendulum equipped with a 7.52 J-energy hammer. The polymer samples, with a dimension of 80 × 10 × 4 mm^3^ were notched with a notch radius of 0.25 mm and a notch depth fixed at 2 mm. Each sample was hit at a speed $\ \nu_{impact} = 3.8\ m\ s^{- 1}$, which corresponds to a deformation rate of $\ \frac{\nu_{impact}}{r_{notch}} = 1.5\ .10^{4}s^{- 1}$. In order to obtain the brittle-ductile transition temperature T~bd~ of the studied polymers, the impact strength tests were performed in a temperature range from -40 °C to 230 °C. Samples were kept in a thermally controlled chamber and were conditioned for 15 min at the set temperature for equilibrium before being tested. The temperature of the samples was considered to remain constant during the impact tests. The laboratory was at a controlled temperature (23 °C) and hygrometry (RH 50). The studied PPA were dried as molded (d.a.m.), the temperature equilibration time was too small to induce significant water intake. Ten specimens were tested at each temperature. The resilience (J m^−2^) was calculated by dividing the energy used to fracture the sample by the fracture surface area under the notch \[[@bib22]\].

### 2.3.4. Video-controlled tensile test {#sec2.3.4}

In order to characterize the Young modulus E, the yield stress σ~y~ and the brittle-ductile transition temperature T~bd~ of the studied PPA, tensile strength experiments were carried out on a Zwick/Roell Z050 universal testing machine equipped with a 50 kN load cell, a thermally controlled chamber and a non-contact extensometer (VidéoTraction®) \[[@bib23]\], equipped with two cameras. The VidéoTraction® system measures the true strain and the true stress during the test, in a representative volume element. The representative volume element can be defined by several dot markers placed in the middle of the tensile specimen. The development of localization phenomena like necking is taken into account in the measured behavior \[[@bib24]\]. In the studied samples, the necking area is reproducible. The dot markers are placed in order to study this area. Samples were dried as molded (d.a.m.) and were strained at a constant strain rate $\overset{˙}{\varepsilon} = 1.10^{- 3}s^{- 1}$ at different temperatures (between -40 °C to 160 °C). The lower temperature of chamber is -40 °C. Each sample was conditioned 20 min in the temperature chamber before being tested. For each temperature, five samples were tested.

The nominal strain ε~n~ is given by [Eq. (4)](#fd4){ref-type="disp-formula"}:$$\varepsilon_{n} = \frac{\Delta l}{l_{0}} = \frac{l - l_{0}}{l_{0}}$$with l the length at each time t and l~0~ the initial length of the specimen.

The nominal stress σ~n~ can be expressed as:$$\sigma_{n} = \frac{F}{S_{0}}$$with F the force acting on the specimen and S~0~, the initial cross sectional area.

At large deformations, amorphous polymers have a high ductility. During the tensile test, the sample cross sectional area is not constant. The instantaneous cross sectional area S(t) should be used instead of S~0~. The videoextensometer gives access to the elastoviscoplastic response of polymers under uniaxial tension. Local measurements of true strains are performed at the center of the neck (see [Figure 3](#fig3){ref-type="fig"}) \[[@bib23]\]. Four dot markers are printed on the front face of the sample prior to deformation, within a representative elementary frame. The thickness deformation is also measured allowing to calculate S(t) for each value of l(t). Local deformations are measured between the dots and the true strain ε~v~ is related to the nominal strain and the elongation ratio λ by the following equation \[[@bib25]\]:$$\varepsilon_{v} = ln\left( \frac{l}{l_{0}} \right) = ln\left( {1 + \frac{l - l_{0}}{l_{0}}} \right) = ln\left( {1 + \varepsilon_{n}} \right) = \text{ln}\left( \lambda \right)$$Figure 3Representation of the VideoTraction® system (1) and the markers on the middle of the tensile specimen with the two cameras (2). Adapted from \[[@bib23]\] with permission from Elsevier.Figure 3

The true strain rate $\overset{˙}{\varepsilon_{v}}$ is defined as:$$\overset{˙}{\varepsilon_{v}} = \frac{\overset{˙}{l}}{l\left( t \right)}$$with $\overset{˙}{l}$ the velocity of elongation and l(t) the length at each time t.

The true stress σ~v~ is obtained and is given by [Eq. (8)](#fd8){ref-type="disp-formula"}.$$\sigma_{v} = \frac{F}{S\left( t \right)} = \sigma_{n}\frac{S_{0}}{S\left( t \right)}$$

Thanks to the two cameras, the VideoTraction system makes it possible to determine the barycenter of each marker drawn on the specimen and calculate their relative displacements ([Figure 3](#fig3){ref-type="fig"}). Thus, the system calculate simultaneously in-plane and out-of-plane deformations.

### 2.3.5. Compression {#sec2.3.5}

Compression tests were performed on a Zwick/Roell Z050 universal testing machine equipped with a 50 kN load cell, a thermally controlled chamber and a non-contact extensometer (VidéoTraction®) \[[@bib23]\]. The geometry of the sample is an important limitation of this test. Cubes of dimensions $10 \times 10 \times 4\ mm^{3}$ were cut in the ISO-527 tensile specimens. It is necessary to avoid the barreling or buckling of the sample \[[@bib26]\]. The friction has been reduced by lubrification of the plate to prevent the buckling of the sample. Thanks to VidéoTraction®, we could check that there is no barrel nor buckling. It allows us to consider the friction as negligible in the test and then the compression field homogeneous all over the specimen.

Specimens were compressed at a constant strain rate $\overset{˙}{\varepsilon} = 1.10^{- 3}s^{- 1}$ between two parallel flat steel plates. Tests were performed at different temperatures, from -20 °C to 120 °C. Each sample was conditioned 20 min in the temperature chamber before being tested. For each temperature, five samples were tested.

For the analysis of the strain hardening response, the compression curves were plotted versus the Green-Lagrange strain \[[@bib27]\]:$$g\left( \lambda \right) = \lambda^{2} - \lambda^{- 1}$$

The strain hardening modulus, E~SH~, was determined from the slope of the curves in the strain range 1.75 ≥ g(λ) ≥ 1.25.

3. Results and discussion {#sec3}
=========================

3.1. Thermo-mechanical properties {#sec3.1}
---------------------------------

Temperature sweep measurements were performed at frequencies of 0.1, 1, 10, 50 and 75 Hz. The temperature of each relaxation was determined as the maximum of the relaxation peak observed in the loss modulus E″ plot. To determine correctly the characteristic temperature of each relaxation process, a Gaussian function was used to fit each peak, and therefore determined the peak maximum. At 23 °C and 1 Hz, the storage modulus E\' is high and is 2.92 GPa for Polyamide A, 3.01 GPa for Polyamide B and 2.96 GPa for Polyamide C, which is comparable with others polymers (2.5 GPa for poly(phenylene oxide) PPO and 3 GPa for polystyrene PS) \[[@bib12]\]. PA66, which is an aliphatic polymer, has an elastic modulus of 2.8 GPa, measured at 23 °C at 1 Hz, which is comparable to the elastic modulus of our samples \[[@bib28],[@bib29]\]. The differences observed in elastic moduli are not significant. Indeed, the two semi-crystalline PPA have the same behavior as the amorphous PPA, with a module of 3 GPa. The crystallinity has no influence in our case.

The temperature dependences of the storage modulus E\' and the damping factor tanδ, as determined at 1 Hz for the different PPA are shown in [Figure 4](#fig4){ref-type="fig"}.Figure 4Temperature dependences of the storage modulus E′, the loss modulus E″ and the damping factor tanδ, as determined at 1 Hz for the different PPA by DMTA measurements. The different relaxation processes are indicated on the tanδ curves.Figure 4

Starting from low temperature, the storage modulus E\' reduces slowly and decreases strongly at the glass transition temperature T~g~.

In addition to the final relaxation process (α) we observe two peaks on tanδ for each polymer, denoted γ and β. Indeed, three relaxations processes have been identified in other semi-aromatic and aliphatic polyamides \[[@bib30], [@bib31], [@bib32], [@bib33]\] by DMTA and by broadband dielectric spectroscopy (BDS) \[[@bib34],[@bib35]\].

At the lowest temperature, the γ-relaxation is generally assigned to local motions of short aliphatic sequences -(CH~2~)~n~-internal to the monomer for aliphatic polyamides \[[@bib30],[@bib36]\]. This relaxation is observed around -140 °C at 1 Hz, which is comparable to the γ-relaxation observed by Varlet et al \[[@bib36]\] for PA 12. The β-relaxation is associated to the rotation of amide groups (-NHCO-) along the polyamide chain, and is observed around -50 °C at 1 Hz. The α-relaxation corresponds to segmental movements (several monomers). This main relaxation is observed at high temperature and is close to the glass transition temperature measured by DSC. The temperatures T~α~, T~β~ and T~γ~ determined by DMTA at 1 Hz for the three PPA, are listed in [Table 3](#tbl3){ref-type="table"}. As shown by the data displayed in [Table 3](#tbl3){ref-type="table"}, the increase in PA6T content induces a slight increase of the α-relaxation temperature of 6 °C, which is also observed in literature for other polyamides \[[@bib30],[@bib37]\]. A weak and wide shoulder is also observed in our measurements around 70 °C and can be associated with departure of water \[[@bib31],[@bib33]\]. As measured by Karl Fischer, our polymers contain about 700 ppm of water. A departure of water contained in the polymer causes a shift of the relaxation towards high temperatures.Table 3Temperatures of the different relaxations, α, β and γ for each polymer determined at 1 Hz.Table 3CopolyamidesT~α~ (°C)T~β~ (°C)T~γ~ (°C)Polyamide A128.2-51.7-140.6Polyamide B129.3-46.7-139.6Polyamide C134.3-48.6-137.6

### 3.1.1. Time/temperature dependence of relaxations {#sec3.1.1}

From the DMTA curves obtained at different frequencies (0.1, 1, 10, 50 and 75 Hz), we plot the time/temperature dependence of the γ, β and α relaxations processes $log\tau = f\left( {1000/T} \right)$ for each polymer in [Figure 5](#fig5){ref-type="fig"}.Figure 5Time/temperature dependence of relaxations for the three PPA. From left to right, the different relaxations are shown: α, β and γ, as well as the T~g~ determined by DSC.Figure 5

The main relaxation, α, follows the Williams-Landel-Ferry equation (WLF) \[[@bib38]\] defined as follow \[[@bib39]\]:$$\log\left( a_{T} \right) = \frac{- C_{1}\left( {T - T_{ref}} \right)}{C_{2}\  + \ T - \ T_{ref}}$$with C~1~ and C~2~ the WLF constants. T~ref~ is the reference temperature defined as 300 K and is and is chosen arbitrarily.

Secondary relaxations, γ and β, were fitted through an Arrhenius law:$$\tau\left( T \right) = \tau_{0}exp\frac{E_{A}}{RT}$$with E~A~, the activation energy, τ~0~ the characteristic time, R the ideal gas constant and T the temperature. Using the values obtained in the Arrhenius fit, the entropy related to each relaxation can be calculated (using this relation: $\tau_{0} = \tau_{Debye}exp\frac{\Delta S}{R}$). From this value, the free energy ΔG can be calculated for each relaxation at a reference temperature T~0~ of 300K (ΔG = E~A~ -- T~0~ΔS). [Table 4](#tbl4){ref-type="table"} shows the activation energy E~A~, the characteristic time τ~0~, the entropy -TΔS and the free energy ΔG of the γ and β relaxations for each PPA.Table 4Activation energy E~A~, characteristic time at infinite temperature τ~0~, entropy -TγΔS and -TβΔS and free energy ΔG of the γ and β relaxations for each PPA.Table 4Polymerã-relaxationâ-relaxationE~A~ (kJ mol^−1^)ô~0~ (s)- T~ã~ÄS (kJ mol^−1^)ÄG (kJ mol^−1^)E~A~ (kJ mol^−1^)ô~0~ (s)- T~â~ÄS (kJ mol^−1^)ÄG (kJ mol^−1^)Polyamide A41.1610^−16.1^10.3517.7566.510^−15.8^15.6245.4Polyamide B43.3710^−16.7^12.0516.366.0410^−15.6^15.7145.2Polyamide C46.6610^−18^15.4812.485.0610^−20^34.6538.7

### 3.1.2. Secondary relaxations {#sec3.1.2}

For the γ relaxation, the activation energy E~A~ is in the range of 40 kJ mol^−1^ (from 41 to 46 kJ mol^−1^). This range of activation energy was reported in literature by several authors for aliphatic polyamides or semi-aromatic copolymers based on PA 6I \[[@bib31],[@bib33],[@bib40]\]. The expected value for the prefactor τ~0~ is 10^−12^ s, which is the Debye time (τ~Debye~ = 10^−12^ s \[[@bib41]\]) if there is no contribution to the free energy barrier. This is not the case here, since the prefactor τ~0~ is smaller than this value. Very small relaxations time values are an indication of an entropic contribution. Note that Laurati et al and Laredo et al have observed in the presence of water smaller values of τ~0~, close to the values determined for our polymers (see [Table 4](#tbl4){ref-type="table"}) \[[@bib31],[@bib33]\].

The value of ΔG (about 17 kJ mol^−1^) for polyamides A and B are identical to the value corresponding to the rotational barrier for the C--C torsion motion \[[@bib42],[@bib43]\].

In the case of the β-relaxation, for the amorphous PPA, Polyamide A, the free energy ΔG is 45.4 kJ mol^−1^. This value is in good agreement with the value determined by Bocahut et al for the free energy barrier associated to the rotation of amides groups (ΔG = 40 ± 5 kJ mol^−1^) \[[@bib44]\].

Note that the entropy ΔS of Polyamide C is twice the entropy of polyamides A and B. Small values of ΔS for polyamides A and B indicate that the motions responsible for the β-relaxation are very localized modes \[[@bib30],[@bib37]\]. On the contrary, the entropy ΔS is twice for Polyamide C, based mainly on terephthalic acid, which is an indication that the motional cooperativity is higher \[[@bib30]\].

### 3.1.3. Main relaxation α {#sec3.1.3}

The α-relaxation can be fitted using the WLF equation mentioned above ([Equation 10](#fd10){ref-type="disp-formula"}). The WLF constants C~1~ and C~2~ were respectively 7.54 and 32.33K, for the three PPA. Because of the dependency in frequency and temperature of E\', a time-temperature superposition curve (tTS) can be established for Polyamide A. The shift factor a~T~ can be fitted with the WLF equation. C~1~ and C~2~ WLF constants are respectively 17.62 and 71.98K \[[@bib39],[@bib45]\]. C~1~ and C~2~ WLF constants are reported to T~g~ with Eqs. [(12)](#fd12){ref-type="disp-formula"} and [(13)](#fd13){ref-type="disp-formula"} \[[@bib46]\]:$$C_{1}^{g} = \frac{C_{1}C_{2}}{C_{2} + T_{g} - T_{ref}}$$$$C_{2}^{g} = C_{2} + T_{g} - T_{ref}$$Where C~1~ and C~2~ are the WLF constants, T~g~ is the glass transition temperature determined by DSC for each polymer and T~ref~ is the arbitrary chosen reference temperature defined as 300 K.

The WLF constants $\text{C}_{1}^{\text{g}}$ and $\text{C}_{2}^{\text{g}}$ are reported in [Table 5](#tbl5){ref-type="table"}. No significant difference was observed in the WLF constants.Table 5WLF fitting parameters for the α--relaxation.Table 5Copolyamides$\mathbf{C}_{1}^{\mathbf{g}}$$\mathbf{C}_{2}^{\mathbf{g}}$(K)Polyamide A1.81134.68Polyamide B1.81134.78Polyamide C1.77137.88

3.2. Characterization of the brittle-ductile transition T~bd~ {#sec3.2}
-------------------------------------------------------------

### 3.2.1. Charpy impact strength {#sec3.2.1}

The transition from brittle to ductile, denoted T~bd~, may be characterized by Charpy impact test or in uniaxial tensile experiments. Charpy impact test is a dynamic test at a frequency of 10^3^ Hz. Impact strength tests are conducted on all the studied samples as described in the experimental section. [Figure 6](#fig6){ref-type="fig"} shows the energy dissipated during impact as a function of temperature (brittle-to-ductile transition curves) for all the studied samples. At low temperatures, all samples show a brittle failure with an impact strength varying from 3 to 11 kJ m-2. At high temperatures, the specimens do not break and present a ductile behavior. A well-defined transition from brittle to ductile behavior is observed for all polymers. A large region of plastic deformation close to the tip of the tail is observed. Specimens evolve from a fragile elastic behavior to a ductile plastic behavior. A brittle-ductile transition can be determined for the three PPA ([Figure 6](#fig6){ref-type="fig"}). For the amorphous polymer, Polyamide A, the T~bd~ is equal to 140 °C. For the low semi-crystalline PPA, Polyamide B, the T~bd~ is close, 135 °C. For these two polymers, we can see that this transition T~bd~ is very close to the glass transition T~g~ determined by DSC (see [Table 1](#tbl1){ref-type="table"}). We observe that the brittle-ductile transition temperature is higher for the PPA with the largest crystalline fraction, Polyamide C (192 °C).Figure 6Brittle-ductile transition curves of all the PPA samples obtained from Charpy impact measurements. Evolution of the energy dissipated by the material with the temperature and the brittle-ductile transition temperature T~bd~. The stars represent the unbroken samples above the T~bd~.Figure 6

The same behavior is observed for different PA6,6 with a well-defined brittle-ductile transition with a resilience at low temperature of order 2--5 kJ m^−2^ \[[@bib47],[@bib48]\]. At high temperature, the resilience of the PA6,6 is of order 60 kJ m^−2^, which is lower than for the studied PPA. The brittle-ductile transition temperature of RT-PMMA (rubber-toughened PMMA) is about 20 °C, which is very low compared to the studied PPA \[[@bib49]\].

The energy dissipated during impact in the ductile regime at 150 °C is high (from 130 to 160 kJ m^−2^). The brittle-ductile transition temperature is also very high for the three PPA.

### 3.2.2. Influence of frequency on T~bd~ {#sec3.2.2}

The brittle-ductile transition temperature T~bd~ at lower frequency is observed in uniaxial tensile experiments as the temperature at which failure occurs at the yield stress σ~y~ \[[@bib25]\]. The true stress-true strain curves obtained from tensile experiments at different temperatures are presented in [Figure 7](#fig7){ref-type="fig"} for the three polyamides. When the temperature decreases, the rigidity of the polymer increases. A transition from ductile to brittle behavior can be observed in [Figure 7](#fig7){ref-type="fig"}. Below 110 °C, Polyamide C is brittle, the sample breaks before reaching the yield stress σ~y~. When the temperature increases, the mobility of the chains is accelerated and a yield point can be determined, as observed for Polyamide A and B, and above 110 °C for polyamide C (in [Figure 7-3](#fig7){ref-type="fig"}). As explained above (see 3.2.1), the behavior goes from brittle to ductile. The temperature T~bd~ is defined for Polyamide A and Polyamide B below -40 °C. For Polyamide C, T~bd~ is clearly visible and is determined at 110 °C. Because of the limitation of the temperature of the temperature chamber, we cannot perform tensile tests below -40 °C. Contrary to the Charpy impact strength described in the previous paragraph, the tensile test is a quasi-static test at a frequency of 10^−3^ Hz. We can emphasize the influence of the frequency on this temperature: the higher the frequency, the higher the temperature T~bd~. As for the Charpy impact test, the brittle-ductile transition temperature is strongly influenced by the crystallinity and is higher for the most semi-crystalline PPA, Polyamide C (192 °C).Figure 7Uniaxial tensile true stress-true strain curves determined for Polyamide A (1), Polyamide B (2) and Polyamide C (3) at several temperatures and a strain rate of 1.10^−3^ s^−1^.Figure 7

3.3. Tensile behavior {#sec3.3}
---------------------

[Figure 7](#fig7){ref-type="fig"} represents the true stress-true strain curves obtained from tensile experiments for the three polyamides. The behavior of all samples is essentially the same. Beyond the yield point, a strain softening regime is observed. It corresponds to a stress decrease with increasing deformation \[[@bib50]\]. The strain softening is followed by a strain hardening regime.

The strain hardening behavior is also observed in others amorphous polymers such as cellulose acetate, PC, PMMA or PVC \[[@bib12], [@bib51], [@bib52], [@bib53]\]. It can be defined as a stress increase at large strains. The strain hardening modulus E~SH~ is defined as the slope at large strains. The three PPA studied have a very ductile behavior. Beyond the brittle-ductile transition T~bd~, the failure takes place at a deformation larger than the deformation accessible within the testing machine, which is a limitation for the study of strain hardening.

The equations mentioned so far apply when a polymer exhibits uniform deformation (see Equations [(4)](#fd4){ref-type="disp-formula"},[(5)](#fd5){ref-type="disp-formula"},[(6)](#fd6){ref-type="disp-formula"},[(7)](#fd7){ref-type="disp-formula"} and [(8)](#fd8){ref-type="disp-formula"}). Beyond the plasticity threshold, several polymers (such as PC, PE, PVC, PP or PA) \[[@bib25], [@bib54], [@bib55], [@bib56]\] show deformation heterogeneities called necking. This phenomenon is related to a local stress concentration (due to a variation of section) which makes the deformation field non-uniform within the sample. The appearance of this phenomenon is a consequence of a mechanical instability due to a strain softening. Strain softening is stabilized by strain hardening. In tensile test, further studies shown that the strain hardening regime is influenced by the temperature, the polymer chains orientation and the geometry of the sample \[[@bib51],[@bib57]\]. The study of strain hardening will be detailed in the case of the compression test. The strain softening amplitude is larger at low temperatures than at high temperatures, which is similar to the behavior observed for PMMA or PC \[[@bib54],[@bib58]\].

### 3.3.1. Evolution of the young modulus E and the yield stress σ~y~ {#sec3.3.1}

The Young modulus E is calculated from the tangent line in the elastic domain (between 0.05 and 0.25% of true strain) and the yield stress σ~y~ is defined as the observed maximum stress.

[Figure 8](#fig8){ref-type="fig"} shows the evolution of the young modulus ([Figure 8-1](#fig8){ref-type="fig"}) and the yield stress ([Figure 8-2](#fig8){ref-type="fig"}) as a function of T~g~-T. This representation makes it possible to compare the 3 PPA at a given state of molecular mobility. Young modulus E and yield stress σ~y~ values are reported for temperatures below the glass transition temperature T~g~. No particular relation appears for the Young Modulus E when plotted as a function of T~g~-T, whereas the yield stress σ~y~ fall on a linear master curve. The Young Modulus E of the studied PPA is much higher than that of a PA66, which is an aliphatic polyamide. Indeed, the PA66 has a Young Modulus E of the order of 1100 MPa (at room temperature and 10 mm min^−1^) \[[@bib48]\].Figure 8Evolution of the Young modulus E (1) and the yield stress σ~y~ (2) as a function of T~g~-T. Data are obtained from tensile measurements at a constant strain rate of 1.10^−3^ s^−1^.Figure 8

3.4. Compression behavior {#sec3.4}
-------------------------

The true stress-true strain curves obtained in tensile tests present a necking phenomenon. We performed uniaxial compression tests to avoid localization phenomena at large deformation. We plot the true strain as (λ^2^ - λ^−1^), which is a standard representation for the study of the strain hardening and often used in literature \[[@bib12],[@bib27]\].

[Figure 9](#fig9){ref-type="fig"} shows the results plotted as true stress versus (λ^2^ - λ^−1^) for the three polyamides at several temperatures. A moderate strain softening followed by a strain hardening results in a macroscopic ductile behavior \[[@bib59]\].Figure 9Compressive behavior of PPA at several temperatures at strain rate of 10^−3^ s^−1^. (1) Polyamide A, (2) Polyamide B and (3) Polyamide C.Figure 9

The strain softening is more pronounced for the amorphous PPA. Indeed, The strain softening is an amorphous property \[[@bib60]\] and increasing the crystallinity seems to result in a decrease in strain softening.

[Figure 10](#fig10){ref-type="fig"} shows the evolution of the strain hardening modulus E~SH~ determined from the true stress -- (λ^2^ - λ^−1^) curves with the temperature for each polymer. Values of hardening modulus are shown in [Table 6](#tbl6){ref-type="table"}. The strain hardening modulus is similar for the three PPA. The strain hardening modulus of the semi-crystalline PPA is found to be equal to that of the amorphous PPA and is clearly not related to the degree of crystallinity. This was observed in literature by Schrauwen et al with different semi-crystalline polymers (polyethylene, polypropylene and poly(ethylene terephthalate)) \[[@bib61]\]. At room temperature, the strain hardening modulus E~SH~ for the three PPA is about 18 MPa. It is larger than the strain hardening modulus of PS (13 MPa) \[[@bib12]\] but smaller than other amorphous polymers (at room temperature, E~SH~ of PC, PPO and PMMA are 29 MPa \[[@bib12]\], 75 MPa \[[@bib12]\] and 25 MPa \[[@bib27],[@bib62],[@bib63]\], respectively. The strain hardening modulus decreases linearly with the temperature for Polyamide B and Polyamide C, which is observed in literature by Engels and Van Melick with other polymers such as polycarbonate \[[@bib12],[@bib59]\]. For Polyamide A, the strain hardening modulus seems no affected by temperature: there is no dependence to temperature.Figure 10Evolution of the hardening modulus E~SH~ in compression with the temperature for each PPA. The modulus E~SH~ was determined from the slope of the curves in the strain range 1.25--1.75.Figure 10Table 6Hardening modulus E~SH~ in compression determined from the slope of the curves in the strain range 1.25--1.75 for the studied PPA.Table 6Hardening modulus E~SH~ (MPa)-20 °C0 °C23 °C60 °C100 °C120 °CPolyamide A22.0616.6317.6616.1218.4014.29Polyamide B/20.1518.1715.1411.867.95Polyamide C//17.7515.6512.8311.75

4. Conclusions {#sec4}
==============

In this paper, the mechanical properties of polyphthalamides samples processed by injection molding have been investigated. The thermomechanical properties have been studied through DMTA experiments. All the studied PPA exhibit a characteristic dynamic mechanical response for a thermoplastic material. Three relaxations processes have been identified, denoted γ, β and α from the lower to the higher temperature. The impact properties were studied on a broad temperature range, using an instrumented Charpy impact test. The three PPA samples showed a brittle-ductile transition varying from a low energy dissipated during impact test to a high energy dissipated during impact of the order 130--160 kJ m^−2^. At room temperature, the three PPA studied are brittle. They should be used for a composite application and thus improve their T~bd~. The tensile and the compression behavior of three PPA with different degree of crystallinity have been studied. In tensile test, the PPA with the largest crystallinity is brittle at room temperature (Polyamide C), while the polyamide A and polyamide B are ductile. In both tests, we observed a strain hardening behavior, which is more pronounced in compression. The strain hardening regime in tensile test is influenced by the temperature as well as the amorphous or semi-crystalline character of the studied PPA. The measured strain hardening moduli in compression are around 18 MPa for the three PPA at 23 °C. The values of the E~SH~ modulus are relatively low compared to the PPO (75 MPa \[[@bib12]\]). The strain hardening modulus is shown not to depend on crystallinity. Indeed, the strain hardening modulus E~SH~ of the semi-crystalline PPA, Polyamide C and Polyamide B, is found to be equal to the hardening modulus of the amorphous. Only the temperature has an influence on the strain hardening modulus E~SH~: the strain hardening modulus decreases with increasing temperature. Strain hardening is a key feature for resistance to damage \[[@bib11],[@bib64]\].
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